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The effect of tempering temperature on microstructure and mechanical properties was studied in a low-
nitrogen, high-boron, 9%Cr steel. After normalizing and low-temperature tempering, cementite platelets
precipitated within the martensitic matrix. This phase transformation has no distinct effect on me-
chanical properties. After tempering at 500 °C, M23C6 carbides appeared in the form of layers and par-
ticles with irregular shapes along the high-angle boundaries. Approximately, 6% of the retained austenite
was observed after normalizing, which reduced to 2% after tempering at 550 °C. This is accompanied by
reduction in toughness from 40 J/cm2 to 8.5 J/cm2. Further increase of the tempering temperature led to
spheroidization and coagulation of M23C6 particles that is followed by a signiﬁcant increase in toughness
to 250 J/cm2 at 750 °C. Three-phase separations of M(C,N) carbonitrides to particles enriched with V, Nb
and Ti were detected after high-temperature tempering.
& 2016 Elsevier B.V. All rights reserved.1. Introduction
High-chromium creep-resistant martensitic steels are widely
used for critical components of fossil power plants that operate at
temperatures up to 620 °C [1,2]. Unfortunately, these steels are
affected by a breakdown of creep strength during long-term ser-
vice, which is associated with the formation of coarse Z-phase
particles at the expense of nanoscale M(C,N) carbonitrides [1,3–9].
Z-phase is a thermodynamically stable nitride that contains pri-
marily Cr and V [5–7]. Because carbon cannot replace nitrogen in
the Z-phase [5–7], the breakdown in long-term creep strength of
9–12%Cr martensitic steels is suppressed or shifted to longer
rupture times by lowering nitrogen content. Recently, an advanced
9Cr-3W-3Co steel that exhibits superior creep strength with low
nitrogen and high boron content was developed for 650 °C ultra-
super-critical (USC) plants [1,9–15]. In addition, this type of 9%Cr
steel has an enhanced long-term creep strength in welded joints,
where type IV failure is suppressed [10–12,15]. Boron replaces
carbon in M23C6 carbides, i.e., it forms a M23(B,C)6 phase, which is
more resistant to coarsening under creep conditions than the
B-free carbides [1,13,15]. However, high boron concentrations lead
to embrittlement due to the formation of coarse BN particles or
segregation to boundaries [16–18]. Moreover, the precipitation ofenmark Produktionstorvet,BN phase decreases the amount of effective boron and nitrogen in
M23C6 carbides and M(C,N) carbonitrides, respectively. This re-
duces the fraction of carbonitrides and rises the coarsening rate
and, therefore, results in creep resistance degradation [10]. A BN-
free microstructure is achieved by balancing the NþB content
according to a BN solubility diagram in 9–12%Cr steels or by high-
temperature annealing that dissolves these nitrides into an aus-
tenitic matrix [9,16–18]. The absorption of ∼0.05 wt%N in 9–12%C
steels occurs during the electric arc furnace melting followed by
air casting [1]. The use of vacuum degassing equipment or vacuum
induction melting (VIM) allows one to decrease the N content
down to 0.01 or 0.002 wt%, respectively, and produces the high B
9–12%Cr steels, which are not susceptible to embrittlement [1]. For
instance, no BN particles were found in a10%Cr steel that con-
tained 30 ppm of N and 80 ppm of B [19].
Normally, the heat treatment process for 9–12%Cr steels con-
sists of normalizing and tempering followed by air cooling [1].
After normalizing, the structure is martensitic [20] and BN parti-
cles may precipitate at boundaries of prior austenite grains (PAG)
or packets [16]. During tempering, a number of different carbides
precipitate, and many of them are metastable phases at lower
temperatures [1,19,21]. The thermodynamically stable M23C6-type
carbides and M(C,N) carbonitrides precipitate at the boundaries of
PAGs, packets, blocks and martensitic laths and within the mar-
tensitic matrix after tempering at temperatures that range from
750 to 780 °C [1,22]. This dispersion of secondary phase particles
plays a key role in superior creep strength of 9–12%Cr steels [1–
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N content signiﬁcantly affect precipitation sequences during
tempering, i.e., the chemical composition, morphology and dis-
tribution of particles in the transition and equilibrium phases
[19,21]. Therefore, it is important to understand the precipitation
behavior of different types of dispersoids in modern steels because
they can easily nucleate. Some dispersoids stabilize the tempered
martensite lath structure (TMLS) under service conditions. How-
ever, tempered martensite embrittlement takes place after tem-
pering at ∼500 °C, or long-term embrittlement occurs at ap-
proximately 600 °C service temperature [1,15,20–29]. The shape,
size distribution, origin and nature of second-phase particles in
TMLS signiﬁcantly affect the creep resistance of 9–12%Cr steels [1–
11,21,22–29]. The morphological characteristics and structural
parameters of martensite depend on the tempering temperature
and are also important for the creep strength [1,13,19,21–30].
Thus, the main goal of this study is to correlate the tempering
effect with the microstructure and properties of a low nitrogen
boron-added 9%Cr steel. Speciﬁc emphasis is put on the tempering
temperature effect on the characteristics of martensite structure
and the dispersion of secondary phase particles. The mechanical
properties, especially the impact toughness of 9–11% Cr steels,
signiﬁcantly depend on tempering conditions [13,20,31,32].
Therefore, the second objective is to study the dependence of
hardness, tensile properties and toughness on the tempering
temperature.2. Experimental procedure
The high-B and low N-steel with a chemical composition
shown in Table 1 was produced using VIM followed by solution
treatment at 1150 °C and hot forging at temperatures of 1150–
1000 °C. Next, the billets were normalized at 1060 °C for 30 min
followed by air cooling. Tempering was performed for 3 h at
temperatures that ranged from 350 to 780 °С. Hardness mea-
surements were performed using a Wolpert 3000 BLD device at
ambient temperature. Charpy impact tests were performed at an
ambient temperature on standard 101055 mm3 specimens
with a 2 mm V-notch according to ASTM E23-05 using an Instron
IMP460 machine with a 300 J capacity. Two types of tension tests
were performed using an Instron 5882 testing machine at a strain
rate of 2103 s1. The specimens had a 1.43 mm2 cross-sec-
tion and a 16 mm gauge length. First, the samples that were
tempered at different temperatures were tested at the same
tempered temperatures. Second, the samples tempered at differ-
ent temperatures were tensioned at room temperature. Differ-
ential scanning calorimetry (DSC) was performed using an SDT
Q600 (TA Instruments) calorimeter on 45 mg specimens during
heating from an ambient temperature to 1100 °C at a rate of
20 °C min1 and cooling in an argon atmosphere at the same rate.
Structural characterization was performed using a JEM-2100
transmission electron microscope (TEM) equipped with an INCA
energy-dispersive X-ray spectrometer (EDS) and a Quanta 600 FEG
scanning electron microscope incorporating an orientation ima-
ging microscopy (OIM) system. The TEM foils were prepared using
the double jet electro-polishing method with a 10% solution of
perchloric acid in glacial acetic acid and an application of voltage
of 25 V at room temperature. The transverse lath/subgrain sizesTable 1
Chemical composition (wt%) of the low nitrogen high boron 9% Cr steel investigated in
C Si Mn Cr W Mo Nb V
0.1 0.12 0.4 9 1.5 0.57 0.05 0.2were measured on the TEM micrographs using a linear intercept
method by counting all clearly visible sub-boundaries. The dis-
location density was estimated by counting individual dislocations
in lath/subgrain interiors on at least six arbitrary selected typical
TEM images [33]. The precipitates were identiﬁed using both the
chemical analysis and the selected area diffraction method by
extracting carbon replicas. The size distribution of the secondary
phase particles was estimated by counting from 150 to 250 par-
ticles per specimen on at least 15 arbitrarily selected typical TEM
images for each data point.
The equilibrium mole fractions of phases and their chemical
composition were calculated with the Thermocalc software using
the TCFE7 database. Austenite, ferrite, cementite (Fe3C), carbides
(M23C6, M7C3, M6C), carbonitrides (M(C,N)), Laves phase, and BN
phases were independently chosen for the analysis. The chemical
composition and volume fraction of thermodynamically me-
tastable phases were calculated using the suspension of equili-
brium phases.3. Results
3.1. Thermodynamic calculations of phase equilibrium
The temperature effect on the calculated mole fractions of
thermodynamically stable phases, such as MX carbonitrides, Laves
phase and M23C6 carbides, is shown in Fig. 1. Table 2 summarizes
the chemical composition of these phases at different tempera-
tures. It is seen that Thermo-Calc predicts an unusual precipitation
sequence (Tables 2 and 3) that can be represented as follows:
Martensite-M3CþM3BþM6C-M23C6þM23(C,B)6 (1)
Both thermodynamically stable M23C6 carbide and transition
cementite separate from martensite during tempering [12] and
form the boron-free (M3C and M23C6), boron-enriched (M3(C,B)
and M23(C,B)6) phases (Tables 2 and 3). The M23C6 carbides contain
a high fraction of MoþW. The Mo/W ratio decreases from 20 to
0.5 with a temperature increase from 20 °C to 750 °C. The M23(C,
B)6 phase is free from W and Mo. It is surprising that the M3B and
M23(C,B)6 phases are enriched with Fe, while the M3B phase
contains ∼90 wt%Cr and no carbon. Both boron-containing phases,
M23(C,B)6 and M3(C,B), constitute 25% of the overall amount of
M23(C,B)6/M3(C,B) phases. Both types of cementite are free fromW
and Mo. Therefore, the precipitation of third meta-stable W-en-
riched M6C carbide is predicted as a precursor phase for M23C6
carbides.
Two types of M(C,N) carbonitrides precipitate: Nb-C-enriched
M(C,N) and V-N-enriched M(C,N) [1,21,34]. Increase of the tem-
pering temperature leads to an increase of V and N concentrations
in Nb-and C-enriched M(C,N) carbonitrides, respectively, and of Nb
and C in V- and N-enrichedM(C,N) carbonitrides, respectively.
However, even at 750 °C, the difference in chemical composition
between the two types of M(C,N) carbonitrides is signiﬁcant. The
overall mole fraction of M(C,N) carbonitrides in the present steel is
four-fold lower than in the steel with a conventional N content
(0.05 wt%). This is primarily attributed to the decreased amount of
V- and N-enriched M(C,N) carbonitrides[35].
At the normalizing temperature (1060 °C), the relatively high
fractions of Nb-enriched M(C,N) carbonitrides and M23(C,B)6 phasethis study.
Co Ni Cu Ti Al N B
2.8 0.24 0.027 0.002 0.01 0.007 0.012
Fig. 1. Equilibrium mole fractions of phases at different temperatures calculated by
Thermocalc. The experimental tempering temperatures are shown with dashed
lines.
Table 3
The fractions of meta-stable phases calculated by Thermo-Calc.
Chemical Comp.,
wt%
Tempering temperature, °C
Room temperature 350 500
M3C Mole fraction,
%
0.56 0.27 0.74 0.27 0.84 0.27
Fe o0.01 93.84 0.83 90.99 3.50 89.45
Cr 92.81 0.10 91.16 2.57 87.71 3.56
C 7.15 o0.01 7.14 o0.01 7.11 o0.01
B o0.01 6.06 o0.01 6.06 o0.01 6.05
W o0.01 o0.01 0.14 0.13 0.53 0.56
Mo o0.01 o0.01 o0.01 0.25 0.02 0.38
Co o0.01 o0.01 o0.01 o0.01 0.02 o0.01
M6C Mole fraction,
%
1.29 0.77 1.97 1.79
Fe 17.38 18.56 17.70 19.11
W 70.10 34.24 56.95 56.37
Mo 3.39 44.43 17.40 16.46
C 1.75 2.00 1.83 1.85
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temperature from 750 to 1060 °C, which is accompanied by the
α-γ transformation, has no effect on the volume fraction of Nb-
enriched M(C,N) carbonitrides and slightly decreases the M23(C,B)6
phase fraction. At 1060 °C, the M23(C,B)6 phase is highly enriched
with Fe (Fe/Cr∼2.1).
The austenite formation onset temperature, Ac1, and the
transformation offset temperature, Ac3, were determined to be 858
and 902 °C, respectively. The BN phase formation was not antici-
pated for the entire range of simulated temperatures.
The formation of δ-ferrite during solidiﬁcation and the sub-
sequent solution treatment reduces the strength, ductility and
toughness of 9–12%Cr heat-resistant steels and, therefore, must beTable 2
Equilibrium mole fractions of thermodynamically stable phases calculated by Thermo-C
Chemical comp., wt% Tempering temperature, °C
Room temperature 350
MX Mole fraction, % 0.14 0.08
0.07 0.07 0.06 0.02
Nb o0.01 89.87 3.60 89.20
V 85.64 o0.01 79.81 0.10
Cr o0.01 o0.01 o0.01 0.07
C o0.01 10.13 o0.01 9.07
N 14.36 o0.01 16.53 1.56
Laves phase Mole fraction, % 2.22 2.19
W 53.99 54.03
Fe 35.79 31.29
Cr 3.98 8.34
Mo 6.18 5.21
Nb 0.05 1.13
Co o0.01 o0.01
M23C6 Mole fraction, % 2.44 2.55
2.11 0.33 2.21 0.34
Cr 66.59 89.11 68.99 72.07
Fe 0.01 5.77 1.71 22.85
B o0.01 5.12 o0.01 4.89
C 5.16 o0.01 5.15 0.19
W o0.01 o0.01 0.01 o0.01
Mo 20.59 o0.01 20.35 o0.01
Co o0.01 o0.01 o0.01 o0.01avoided [1,36,37]. The Cr equivalent value, Creq, is commonly used
as a measure of susceptibility of high-chromium steels that con-
tain additional elements, such as Si, Nb, V, Mo, W, N, to retain δ-
ferrite during austenization. There is a signiﬁcant difference in
equations that have been proposed by different authors for cal-
culating Creq [1,30,38]. Currently, the most adopted version for this
expression is as follows [1]:
Creq¼Crþ6Siþ4Moþ1 5Wþ11Vþ5Nb–40C–30N–4Ni–2Mn–2Co
(in wt%) (2)
In the studied system, Creq¼5.13 and, thus, δ-ferrite is not
present (Creqr10) and, therefore, the 9%Cr steel is not susceptible
to the formation of δ-ferrite.alc.
500 650 750 1060
0.09 0.10 0.11 0.04
0.05 0.04 0.06 0.04 0.07 0.04
9.98 86.91 83.66 14.40 80.73 18.488 86.15
72.78 1.23 2.77 67.44 4.013 62.581 0.96
0.08 0.41 1.58 0.41 2.835 1.017 0.95
0.22 7.81 7.88 0.95 7.825 1.665 8.67
16.90 3.64 4.11 16.72 4.542 16.121 2.83
2.00 1.36 0.21 –
54.84 54.88 54.90
31.53 33.28 34.07
7.89 6.16 5.36
4.99 5.25 5.27
0.73 0.34 0.25
0.03 0.08 0.14
2.52 2,48 2.45 0.34
2.16 0.36 2.07 0.41 2.00 0.45
67.56 62.57 61.22 50.57 53.08 44.24 30.43
4.51 32.34 11.31 44.29 17.83 50.54 64.28
o0.01 4.54 o0.01 3.96 o0.01 3.54 3.97
5.14 0.54 5.02 1.13 4.82 1.57 1.04
1.01 o0.01 6.68 o0.01 14.76 o0.01 o0.01
18.92 o0.01 13.45 o0.01 7.32 o0.01 o0.01
o0.01 o0.01 o0.01 o0.01 0.01 0.01 0.24
Fig. 2. Expansion (a) and DSC (b) curves of the low nitrogen martensitic steel.
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measurements
Fig. 2 shows the DSC curves and the thermal expansion that
were obtained during normalization and slow heating. The shape
of these curves is typical for the 9%Cr steels [39]. The arrows that
point down indicate the occurrence of different transformations.
The dilatometric analysis allowed to determine the martensite -
start (ms) and - ﬁnish (mf) temperatures of 375 and 310 °C, re-
spectively, with high accuracy (Fig. 2a) [40]. The determined Ms
temperature is similar to that for other 9%Cr steels [19,35]. During
heating, a wide exothermic peak, which is associated with a sec-
ondary phase precipitation [19,21,41,42], is observed for a wide
temperature interval of 290–580 °C (Fig. 2b). Two small peaks at
380 and 485 °C can be distinguished within this large peak.
Therefore, the precipitation of two different types of carbides/
carbonitrides occurs at these temperatures [19,21,41,42]. The ﬁrst
clearly deﬁned endothermic peak at 745 °C is attributed to the
ferromagnetic-paramagnetic transformation of the α-ferrite
upon reaching the Curie temperature, TC [42,43]. Therefore, the TC
value of this steel is 23K lower than the Curie temperature of
768 °C for α-Fe [43]. The second endothermic peak arises from the
α-γ transformation onset, which is accompanied by the dis-
solution of M23C6 carbides. The thermal expansion curve analysis
shows that Ac1 and Ac3 are 796 and 858 °C, respectively. Further-
more, the corresponding inﬂection points are observed at 808 and
885 °C on the DSC curve. The third endothermic peak at 978°Cisattributed to the dissolution of secondary phases in austenite.
There is no evidence for the α-ferriteþM23C6-γ- austenite
transformation [42]. It is likely that the extensive M23C6 dissolu-
tion in austenite begins at 938 °C and ends at approximately
990 °C.
The magnetic saturation measurement showed that the re-
tained austenite volume fraction after normalizing is approxi-
mately 6%. After tempering at temperatures of 350 and 525 °C, the
retained austenite volume fraction decreases to 4% and 2%, re-
spectively. No retained austenite was detected after tempering at
650 °C. Thus, the retained austenite temperature of complete
dissolution in the studied steel is higher than in other 9–10%Cr
steels [13,21].
3.3. Microstructure
3.3.1. As-normalized condition
The normalizing heat treatment leads to the formation of the
typical lath martensite structure with a four-level hierarchy in its
morphology, i.e., PAGs (Fig. 3), packets, blocks and laths of mar-
tensite [19]. The δ-ferrite was not detected as predicted by Eq. (2).
The two types of particles were observed in the martensitic ma-
trix. The ﬁrst type is the needle-shaped Fe-enriched M3C ce-
mentite with an average longitudinal size of approximately
110 nm. The orientation relationship (OR) between ferrite and
cementite described as the Bagaryatski OR [43,44] was found:
Fig. 3. The microstructure of studied steel after normalization at 1060 °C: OIM micrograph (a), Bright ﬁeld TEM images (b, c, d).
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This OR appears when cementite precipitates from martensite
during tempering [44]. Only one family of cementite platelets is
readily distinguished within each lath. This is in contrast with the
other 9%Cr steels [41,45], where cementite precipitates from aus-
tenite under normalizing and obeys the following OR: [113]Fe3C ǁ
[111]α-ferrite.
The second type of particles are spherical-shaped NbC with an
average size of approximately 50 nm (Table 4). In addition, small
amount of Ti-enriched MX carbonitrides was detected. The Cr-Table 4
Effect of tempering temperature on the structural parameters.
Tempering temperature, °C Normalized 35
Martensitic lath width, nm 250735 25
Dislocation density, 1014 m–2 5.471.2 6.1
Distance between HABs, μm 2.770.5 2.8
Average width of Cr-enriched ﬁlms, nm 1574 23
Average size of globular M23C6, nm – –
Average size of VX, nm – –
Average size of NbX, nm 48710 42
Average size of TiX, nm – 68
Average size of M3C, nm 110725 10enriched interlath ﬁlms or the ﬁlms located at PAG boundaries
with an average width of 5–10 nm were found (Table 4).
3.3.2. Tempered conditions
The typical OIM maps and bright ﬁeld TEM images of tempered
steel are shown in Figs. 4 and 5. The structural characteristics and
dimensions of the secondary phase particles are summarized in
Table 4. Tempering does not signiﬁcantly affect the lath thickness,
which increases to 280 and 300 nm after tempering at tempera-
tures of 500 and 750 °C, respectively. The average distance be-
tween high angle boundaries remains unchanged up to the tem-
pering temperature of 500 °C and tends to increase at higher
temperatures. The remarkable decrease in lattice dislocation
density is observed after tempering at 500 °C. At tempering0 500 650 750
0730 280740 280735 300750
71.1 3.870.7 2.370.5 2.670.5
70.6 2.570.4 3.471.1 3.771.3
77 35713 50718 –
57710 64728 70725
– – 49716
711 43713 45715 47710
718 78719 70712 75714
5720 123732 – –
Fig. 4. OIM images after normalization at 1060 °C and tempering at: 350 °C (a), 500 °C (b), 650 °C (c) and 750 °C (d). The black and white lines indicate high-angle (HAB) and
low-angle (LAB) boundaries, respectively.
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density is observed in comparison with a normalized condition
(Table 4).
No effect of tempering temperature up to 500 °C on the mor-
phology, size and OR of cementite platelets was found (Figs. 6 and
7). Only W-enriched M3C carbides containing r10 wt%Cr were
detected. After tempering at 350°Cand 500 °C, the two-phase se-
paration of M(C,N) carbonitrides into Nb-enriched particles with
an average size of ∼42 nm and Ti-enriched particles with anaver-
age size of ∼73 nm takes place. The Nb-enriched M(C,N) carboni-
trides contain a small amount of Ti, while the Ti/Nb ratio in the Ti-
enriched M(C,N) carbonitridesis ∼3.5. It is worth noting that the
Nb-enriched M(C,N) carbonitrides located near the Cr-enriched
ﬁlms contain W. The dispersion of these M(C,N) carbonitrides re-
mains unchanged with the further tempering temperature in-
crease up to 750 °C. The broadening of the Cr-enriched ﬁlms is
accompanied by the increase in Cr and W content. These ﬁlms
comprise almost continuous layers. At the tempering temperature
of 500 °C, the ﬁrst M23C6 carbides with an average thickness of
∼55 nm and a round shape appear near the Cr-enriched ﬁlms
(Fig. 7). In addition, the ﬁlm-shaped M23C6 carbides replace the Cr-
enriched ﬁlms. As suggested, these M23C6 carbides do not exhibit
any rational orientation relationships with the ferrite matrix
(Fig. 8). The average size of the retained Cr-enriched ﬁlms in-
creases to 35 nm. The chemical composition of the two types of
M23C6 carbides with plate-like and ﬁlm-like shapes is approxi-
mately the same.
After tempering at 650 °C, the lath and the block boundary aredecorated with M23C6 carbides (Fig. 9). The continuous layers of
Cr-enriched ﬁlms partially disintegrate into chains of M23C6 car-
bide with a plate-like shape and an average thickness of ∼65 nm
and the remnants of the Cr-enriched ﬁlms. No Fe3C particles were
found at this tempering temperature. After tempering at 750 °C,
the Cr-enriched ﬁlms were completely replaced by the M23C6
particles (Fig. 10). Additionally, the selected area diffraction (SAD)
patterns (Fig. 11) indicate that ( )α110 is parallel to ( )111 Cr C23 6. The
following orientation relationships between ferrite and M23C6
after tempering at 750 °C were obtained:
( ) ∥( ) [ ¯ ¯ ] ∥( ¯ ) −α α110 111 111 011 Kurdjumov SachsCr C Cr C23 6 23 6
( ) ∥( ) [ ¯ ] ∥[ ¯ ] −α α110 111 001 011 Nishiyama WassermannCr C Cr C23 6 23 6
Therefore, the M23C6 carbides with the KS and NW orientation
relationships independently precipitated at the boundaries and
grew at the expense of M23C6 carbides exhibited no rational OR.
The spheroidization and coagulation of M23C6 carbides lead to
the increase of their average size to ∼75 nm, and the Me23C6 car-
bides acquire a round shape. The V-enriched M(C,N) carbonitrides
precipitate in addition to the Nb- and Ti-enriched M(C,N) particles.
Most of the V-enriched M(C,N) carbonitrides exhibit an equiaxed
shape, and their size is larger than that of Nb-enriched M(C,N). The
ratios of V/Nb∼6 and Nb/V∼10 are observed in the V-and Nb-en-
riched M(C,N) carbonitrides, respectively. The carbonitrides are
homogeneously distributed in the tempered martensitic matrix.
Therefore, after tempering at 750 °C, the three-phase separation of
Fig. 5. Bright ﬁeld TEM images after normalization at 1050 °C and tempering at: 350 °C (a, b, c), 500 °C (d), 650 °C (e) and 750 °C (f).
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particles takes place. In contrast to 9%Cr 0.05%N steels [1], the
morphology of these carbonitrides is the same. There is only a
small difference in the average size. It is worth noting, that the low
density of M(C,N) did not allow to determine their OR.
No Laves phase or W-enriched M6C carbides [1,19] and BN
particles were found after normalizing and further tempering. It
appears that three hours of tempering are not sufﬁcient for pre-
cipitation of Laves-phase [1,46–48]. No segregation of any ele-
ments at the TMLS boundaries were found using elemental map-
ping of W, Mo and Cr.3.4. Mechanical properties
Fig. 12 shows the typical engineering stress-strain curves of the
specimens which were tempered and tested at the same tem-
peratures. After the pronounced initial strain hardening, the ap-
parent steady state ﬂow is attained. Next, the ﬂow stress con-
tinuously decreases until fracture. The temperature increase in this
interval shortens the apparent steady state stage. In the 525–
700 °C temperature interval the well-deﬁned peak stress appears.
The temperature increase decreases the rate of strain softening
after this peak. At TZ750 °C, the peak stress is attained after a
very small strain.
Fig. 6. TEM image of dispersed particles that evolved in the low nitrogen mar-
tensitic steel after normalization at 1060 °C and tempering at 350 °C for 3 h. The
composition of particles in wt%.
Fig. 7. TEM images of dispersed particles that evolved in the low nitrogen mar-
tensitic steel after normalization at 1060 °C and tempering at 500 °C for 3 h. The
composition of particles is given in wt%. The circles correspond to the size of the
selected-area diffraction.
I. Fedorova et al. / Materials Science & Engineering A 662 (2016) 443–455450At temperatures of Tr350 °C, ductility increases, YS decreases,
and UTS remains unchanged with increasing temperatures (Fig. 13
and Table 5). Between 350 °С and 450 °С, the values of YS, UTS
and δ are independent of temperature. The UTS and YS values
begin to drop at temperatures Z525 °C and Z600 °C, respec-
tively. Ductility decreases when temperature increases from
450 °C to 525 °C, and ductility increases with a further increase in
temperature. After tempering at 780 °C, the YS, UTS and δ values
are 280 MPa, 290 MPa and 43%, respectively. Thus, no positive
temperature dependence on strength [20] was revealed during the
entire tempering interval.
Fig. 14 shows the inﬂuence of tempering temperature on
hardness, impact toughness, ultimate tensile strength (UTS), yield
stress (YS), and ductility (δ) at room temperature. The hardness
and UTS increase can be interpreted in terms of secondary hard-
ening [44]. However, this increment is three-fold lower than in the
0.05 wt%N containing steel [21]. There is no temperature effect on
the shape of s-ε curves, which are approximately the same, in the
samples that are only normalized and in the samples tempered at
different temperatures. After tempering at TZ525 °C, the strain
hardening stage is extended, and the uniform elongation shortens.
At Tr350 °C, there is no signiﬁcant tempering temperature effect
on mechanical properties, although the impact toughness slightly
increases to∼50 J/cm2, which is a high value for low-temperature-
tempered steels [49]. In the temperature interval of 400–500 °C,
the hardness, UTS and ductility increase with the tempering
temperature increase. The highest values of strength character-
istics, such as hardness, YS and UTS, are attained at the tempering
temperature of 520 °C. The hardness, YS and UTS increase to 5, 11%
and 7%, respectively, in comparison with the normalized condition
(Table 5). Simultaneously, the drop of impact toughness to a value
of 8.5 J/cm2 is observed. Upon further tempering temperature in-
crease, the hardness, YS and UTS decrease when the temperature
increases. Ductility begins to increase at the tempering tempera-
tures Z580 °C. After tempering at 750 °C, the attained impact
toughness is 244 J/cm2, and the hardness, YS, UTS and ductility
values are 236 HB, 590 MPa, 810 MPa and 16%, respectively (Ta-
ble 5). These values are sufﬁciently high for the steel to be used
without any restrictions attributed to static mechanical properties
and fracture toughness [1].
Load-displacement curves (Fig. 15) show very similar loads atan unstable fracture (i.e., maximal load PM[50]) for all samples
except those tempered at 500 °C. After tempering at 500 °C, the PM
value is three-fold lower than at other temperatures. This differ-
ence suggests that distinctly different mechanism of unstable
crack propagation operates in the samples tempered at 500 °C. The
load-displacement curves for the samples subjected to normal-
ization or tempering at 500 °C exhibit a well-deﬁned peak, which
indicates the onset of unstable crack propagation immediately
after attaining a maximum load, PM. After tempering at 350 °C, the
values of general yield, PGY, maximum load, and PM [41] are the
same. Any evidence for the arrest of crack propagation was not
found for the tempering temperatures r500 °C. However, a well-
deﬁned arrest load, PA, of ∼6 kN is observed after tempering at
TZ750 °C. in addition, these tempering temperatures are
Fig. 8. TEM image of ﬁlm-shaped M23C6 carbides that evolved after normalization at 1060 °C and tempering at 500 °C for 3 h. The circles correspond to the size of the
selected-area diffraction.
Fig. 9. TEM image of dispersed particles that evolved after normalization at
1060 °C and tempering at 650 °C for 3 h. The composition of particles in wt%.
Fig. 10. TEM image of dispersed particles that evolved after normalization at
1060 °C and tempering at 750 °C for 3 h. The composition of particles in wt%.
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spent forming a ductile crack front that occurs after general
yielding. The gradual decrease in the load behind PM is indicative
of a stable crack propagation front.
3.5. Fractography
Fig. 16 shows fracture surface characteristics after impact tests,
including the zone of stable crack propagation (SPZ), zone of un-
stable crack propagation (UPZ) and the zone of arrest of unstable
crack (AZ). In the normalizing condition, the stable crack propa-
gation occurs in a mixed brittle-ductile manner with a dominance
of quasi-cleavage fracture. The ductile fracture area thickness in
SPZ is o0.5 mm. The UPZ occupies more than 90% of overall
fracture surfaces. The cleavage facets blend into areas of dimple
rupture, and the cleavage steps become tear ridges. The quasi-
cleavage fracture primarily occurs through a transgranular path.
Rare dimples that are located in a martensitic matrix are shallow
and round. The ﬁne and deep dimples are observed at tear ridges.
The shallow dimples are observed in AZ, but their portion is not
high. Tempering at 350 °C slightly increases the portion of ductilefractures and expands the areas of SPZ and AZ. The stable to un-
stable crack propagation transition is well distinguishable by the
ductile to quasi-cleavage fracture surface transition due to in-
creasing dimple dimensions in a wide transition zone of ∼100 mm.
The arrest of unstable cracks occurs by increasing the portion of
ductile fractures.
The six-fold decrease in the Charpy V-notch impact absorption
energy when the tempering temperature increases from 350 °C to
500 °C can be attributed to the complete disappearance of AZ, the
ductile/quasi-cleavage fracture SPZ reduction to ∼100 mm, and the
increasing fraction of intergranular path of crack propagation in
UPZ. A stable crack propagation occurs in a nearly ductile manner,
and the fracture surface exhibits large shallow dimples. In the UPZ,
the quasi-cleavage fracture occurs in a transgranular manner, and
the “canyons” that appear along some boundaries are the evidence
for intergranular path for crack propagation. After tempering at
650 °C, the arrest of unstable cracks occurs by transition from
quasi-cleavage to ductile fracture with dimples exhibiting various
sizes. In the AZ, the coarse particles located at the bottom of large
dimples serve as void-nucleating sites. After tempering at
TZ750 °C, the UPZ becomes narrow. The crack initiation process
Fig. 11. TEM image of M23C6 carbides that evolved after normalization at 1060 °C and tempering at 750 °C for 3 h. The circles correspond to the size of the selected-area
diffraction.
Fig. 12. Experimental engineering stress-strain curves after different tempering/
test temperatures.
Fig. 13. Effect of tempering temperature on the tensile properties (UTS, YS, ducti-
lity). Tests were carried out at tempering temperatures.
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manner, and shallow dimples exhibit various dimensions (Fig.16s).
It is worth noting, that in UPZ the crack propagation occurs es-
sentially through transgranular path and intergranular fracture
plays a minor role. In the AZ, the uniform small dimples are ob-
served (Fig.16t).4. Discussion
4.1. Precipitation behavior
The precipitation sequence of the present steel can be sum-
marized as follows:
→ → ( )Martensite M C M C films/round shape 43 23 6
The increase of the B content from 70 [19] to 120 ppm sup-
presses the segregation of W on PAG and martensitic lath
boundaries [35]. The W-enriched M6C carbides and the Fe2W
phase were not observed. Instead, W contents transient cementite
and equilibrium M23C6 carbides are larger than what was pre-
dicted by Thermocalc calculations. Cementite precipitates during
normalization or annealing. It appears that the M23C6 carbides
develop in-situ at the Cr-enriched boundary ﬁlms and exhibit a
direct transformation. That is why no clear orientation relationship
between M23C6-type carbides [51] and a ferritic matrix was ob-
served. The absence of regular OR is indicative of the incoherent
nature of M23C6/ferrite interfaces. Carbides with such interfaces
are highly susceptible to the Ostwald repining, and the size of
M23C6-type carbides after high temperature tempering is ap-
proximately two-fold higher in comparison with 10 wt%Cr steel
[13].
Three-phase separation of M(C,N) carbonitrides appears at high
tempering temperature in the 9Cr-3Co-2W-VNbB steel. The fol-
lowing precipitation sequence can be summarized as follows:
→ − ( ) + − ( )
→ − ( ) + − ( ) +
− ( ) ( )
Martensite Nb enriched M C, N Ti enriched M C, N
Nb enriched M C, N Ti enriched M C, N V
enriched M C, N 5
The Nb- and Ti-enriched M(C,N)carbonitrides precipitate under
low temperature tempering. It is known that dislocations serve as
nucleation sites for these particles [52,53]. The V-enriched M(C,N)
carbonitrides precipitate homogeneously under high temperature
tempering. Therefore, tempering at TZ650 °C has no effect on the
size and portion of Nb-enriched and Ti-enriched M(C,N) carboni-
trides [54]. These three phases are thermodynamically stable, and
their particles have nearly the same size and morphology.
Thus, the precipitation process in low N and B-added steel is
different compared with the 9%Cr 0.05 wt%N-containing steels
[21,55]. A dispersion of secondary phases causes an approximately
25% decrease in lath thickness after tempering at 750 °C, and the
effect of decreased N and increased B on dislocation density is
insigniﬁcant [21,35].
Table 5
Effect of tempering temperature on mechanical properties.
Tempering temperature, °C Normalized 350 500 650 750
Hardness, HB 37772 37372 39579 28173 25475
Impact toughness, J/cm2 43 54 9 96 244
YS, MPa 830 880 920 680 590
UTS, MPa 1300 1270 1390 890 810
δ, % 12.8 13.2 14.8 14.6 15.9
Fig. 14. Effect of tempering temperature on the hardness (a), impact toughness (b),
tensile properties (UTS, YS, ductility) (c). Tests were carried out at room
temperature.
Fig. 15. Experimental load-displacement curves after different tempering
temperatures.
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The 9%Cr steel with 120 ppm of B exhibits good toughness
because the BN-free microstructure was achieved using the ratio
of B/N¼1.7. No annealing at TZ1150 °C is necessary to prevent the
precipitation of coarsened BN inclusions [17]. Embrittlement dur-
ing tension was not observed. However, after tempering, unstable
crack propagation under impact tests takes place. After low tem-
perature tempering, this propagation occurs in a quasi-cleavage
manner that provides impact toughness higher than in a hardened
4340 steel [49]. The well-deﬁned tempered martensite embrit-
tlement takes place at ΔT¼150 K higher than in low alloy steels.
This is associated with an intergranular fracture [43,44,49]. In this
study, the tempered martensite embrittlement is attributed to the
three-fold increase in the load for unstable crack propagation due
to the formation of boundary M23C6 ﬁlms instead of the retained
austenite, which is located at the interlath or PAG boundaries. The
spheroidization and coagulation of M23C6 carbides hinder the
unstable crack propagation. The high impact toughness is achieved
due to expanding SPZ and AZ.
The decrease of the nitrogen content in the chemical compo-
sition of 9%Cr steels from 0.05 to 0.007 wt% signiﬁcantly di-
minishes secondary hardening at the tempering temperature of
500 °C.5. Conclusions
The following tempering behavior features of the 9%Cr steel
containing 70 ppm N and 120 ppm of B can be summarized:
1. The 9% Cr steel containing 70 ppm of N and 120 ppm of B ex-
hibits the following precipitation sequence during tempering:
→ →Martensite M C M C films/round shape3 23 6
Cementite is enriched by W precipitates during auto-tem-
pering and low-temperature tempering. The M23C6 ﬁlms lo-
cated at interlath and prior austenite grain boundaries re-
place the Cr-enriched ﬁlms at 500 °C, which leads to the
tempered martensite embrittlement. Spheroidization and
coagulation of these carbides eliminate the embrittlement
and provide the Charpy V-notch impact absorption energy of
244 J/cm2.
2. Heat treatment induces three-phase separation of M(C,N)
carbonitrides into Nb-, Ti- and V-enriched particles.
The precipitation of Nb- and Ti-enriched M(C,N)carbontrides
occurs under auto-tempering and low-temperature temper-
ing, while V-enriched M(C,N)carbonitrides appear under
high-temperature tempering. All three carbonitride particle
types have round shapes, and their sizes range from
50 nm for Nb- and V-enriched M(C,N) to 75 nm for Ti-
enriched M(C,N).
3. The low-temperature-tempered steel exhibits a relatively high
toughness of 50 J/cm2. The tempered martensite embrittlement
is attributed to the facilitation of unstable crack propagation,
which primarily occurs intransgranular manner. The high
Fig. 16. SEM images of the fractured surface after normalization at 1060 °C (a-d) followed by tempering at: 350 °C (e-h), 500 °C (i-l), 650 °C (m-p) and 750 °C (q-t).
I. Fedorova et al. / Materials Science & Engineering A 662 (2016) 443–455454impact toughness after high temperature tempering is asso-
ciated with the expanded zone of stable crack propagation and
the arrest of unstable cracks.Acknowledgments
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